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Thermomechanical processing route to achieve ultrafine grains in 
low carbon microalloyed steels 
P. Gong, E.J. Palmiere, W.M. Rainforth* 
Department of Materials Science and Engineering, The University of Sheffield, Sir Robert 
Hadfield Building, Mappin Street, Sheffield, S1 3JD, UK 
Abstract 
A new thermomechanical processing route is described for a microalloyed steel, with 
roughing deformation below the recrystallisation-stop temperature (T5%), followed by a rapid 
reheat to 1200°C for 10s, and then finish deformation at the same temperature as the rough 
deformation. The new route focused on optimising the kinetics of strain-induced precipitation 
(SIP) and the formation of deformation-induced ferrite transformation (DITF). For 
comparative purposes, two experimental 0.06 wt% C steels were studied: one with 0.03 wt% 
Nb (Nb steel), and a second with both 0.03 wt% Nb and 0.02 wt% Ti (Nb-Ti steel). Two 
processing routes were studied. The first was a conventional route, which consisted of a 
simulated rough deformation schedule with the final roughing pass taking place at 850°C, 
which produced fully unrecrystallised austenite grains during deformation with no strain-
induced ferrite formation. The second, new, thermomechanical processing route used the 
same roughing step, after which the steels were reheated at 10°C/s to a temperature of 
1200°C, isothermally held for 10s allowing for precipitate dissolution, prior to air cooling to 
a finishing deformation temperature of 850°C. This route resulted in DIFT primarily on the 
prior-austenite grain boundaries. The precipitate solution during the reheat treatment 
increased the supersaturation of Nb and Ti in the austenite matrix on subsequent cooling, 
which therefore increased the undercooling due to the increased Ae3. The observation of 
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nanoscale cementite in the DIFT supports the view that it formed through a massive 
transformation mechanism. The volume fraction of SIP after finish deformation was 
influenced by the supersaturation of microalloy elements in solution during heat treatment. 
The new process route led to a significant refinement of the final ferrite grain size.  
 
Keywords: Microalloyed steel; Thermomechanical controlled processing; Strain-induced 
precipitation; deformation-induced ferrite transformation. 
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1. Introduction 
Thermomechanical controlled processing (TMCP), consisting of controlled hot rolling 
followed by controlled cooling, is used to maximise the benefits of the microalloy additions 
present in microalloyed steels [1, 2]. The improvement in mechanical properties is due to 
ferrite grain refinement, which maximises the surface area-to-volume ratio (Sv) of austenite 
grain boundaries and the deformation band density [3, 4]. However, high energy consumption 
and high rolling loads are a limiting factor for TMCP. Therefore, to address some of the 
limitations inherent with conventional TMCP, a new thermomechanical processing route has 
been developed to increase the finish rolling temperature in order to reduce the rolling load 
and improve the productivity.  
Microalloyed steels have been widely utilised because of their enhanced mechanical 
properties over conventional steels. As is well known, each microalloy addition behaves in a 
different way; Ti additions enable microstructural refinement by limiting grain coarsening 
during reheating, while Nb facilitates a high Sv as a result of the strain-induced precipitation 
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of niobium carbides, nitrides or carbonitrides in the austenite. Furthermore, the Nb which 
remains in solution provides solute drag and through the precipitation of 
carbides/carbonitrides can subsequently contribute to dispersion hardening either during or 
after phase transformation [5-7]. Numerous studies of the precipitation kinetics focus on the 
fully equilibrated isothermal heat treatment in austenite with the retardation of the 
recrystallisation by precipitation [8] or isothermal austenite to ferrite transformation at the 
intercritical region [9]. However, there is limited research on the precipitation and dissolution 
behaviour at the non-fully equilibrated condition of steels containing one or more microalloy 
element, as well as their influence on the deformation structures.  
The ߛ ՜ ߙ  phase transformation temperature is influenced by the deformation schedule, 
which therefore determines whether deformation induced ferrite (DIFT) is produced or not. 
Promoting DIFT has become a favoured method to obtain ultrafine ferrite grains in 
microalloyed low carbon steels [10-16]. Most of these investigations into DIFT have focused 
on the effect of chemical composition, the cooling rate and the deformation parameters (strain, 
strain rate). It has also been observed that a finer prior austenite grain size before deformation 
increases the extent of DIFT [17].  In the present study, in contrast to the observations of [17], 
DIFT has been promoted by a larger prior-austenite grain size, promoted by a reheating 
process between rough and finish deformation, with the aim to refine the final grain size in 
the transformed product.  The mechanism of DIFT formation has been investigated through 
the role of precipitation, strain and the morphology of the grains as a function of deformation, 
as well as following isothermal holding after deformation. 
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2. Experimental procedures 
2.1. Material 
The materials used in the research consisted of two laboratory cast microalloyed steels 
containing Nb (designated ³1EVWHHO´), and Nb DQG7LGHVLJQDWHG³1E-7LVWHHO´ZKLFKZHUH
made by vacuum induction melting and cast into ingots having dimensions 220 mm × 65 mm 
× 28 mm at ArcelorMittal. The composition of the steels was analysed by Sheffield Testing 
Laboratories and is listed in Table 1. The ingots were soaked at 1300°C for 2 h and hot-rolled 
from 28 mm to 12 mm thick plates in two passes utilising a 2-high fully-instrumented 50 
tonne Hille deformation mill with a finishing temperature of 1100°C followed by an ice water 
quench. Plane strain compression (PSC) specimens, having a geometry of 60 mm long × 30 
mm wide × 10 mm high were machined from the hot rolled and as-quenched plate. PSC 
testing was performed using the thermomechanical compression (TMC) machine at The 
University of Sheffield [18]. Samples were reheated to 1100°C, held for 30s and then force-
air cooled to the roughing deformation temperature of 850°C. This unusually low roughing 
temperature of 850°C was chosen as it was below the recrystallisation-stop temperature (T5%) 
for each steel. Deformation was undertaken in a single pass using a strain of 0.3 with a 
constant true strain rate of 10 s-1. Immediately after roughing, the steels were rapidly reheated 
at a rate of 10°C/s to a temperature of 1200°C, held for 10s, followed by force-air cooling to 
850°C at a rate of 10°C/s, with the finishing deformation passes being performed with 
different deformation parameters. The deformation and heat treatment schedule is illustrated 
in Fig. 1. Condition A was deformed to a strain of 0.3 at a strain rate of 10/s, and immediately 
TXHQFKHGGHVLJQDWHG³V´DVWKHUHZDVQRKROGDWWHPSHUDWXUH&RQGLWLRQ%XQGHUZHQWWKH
same deformation schedule as condition A, but with a 10s hold prior to quenching. Condition 
C underwent the same thermomechanical schedule as condition B, but then received an 
additional strain of 0.3 at a strain rate of 10/s followed by an immediate water quench. This 
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material had therefore received a total finish deformation strain of 0.6. Finally, condition D 
received the same thermomechanical schedule as condition C, but with a final 10s hold prior 
to water quenching.  
Table 1 
Chemical composition of the experimental steels (wt%) 
 C Si Mn Cr Ni Nb Ti N P 
Nb steel 0.067 0.11 0.77 0.01 0.02 0.03   <0.01 0.0058 0.016 
Nb-Ti steel 0.065 0.11 0.77   0.01   0.02 0.03 0.02 0.0062 0.016 
 
 
Fig. 1 Schematic of the thermomechanical cycles used and nomenclature used for each condition. 
 
2.2. Grain size and microstructure 
Longitudinal specimens were prepared for metallographic examination using standard 
techniques. The polished specimens were etched in a solution of saturated picric acid at 60°C 
to reveal the prior-austenite grain boundaries. The average austenite grain size was measured 
using the linear intercept method (ASTM E-112) by optical microscopy (OM). Scanning 
electron microscopy (SEM) was used to observe the microstructures of ferrite and martensite, 
which was etched using a 2% nital solution for approximately 5-10s. Electron backscatter 
diffraction (EBSD) was used to measure the final sub-grain size after finish deformation from 
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the Nb-Ti steel. Samples for EBSD were prepared by the same method as the SEM samples. 
The acceleration voltage of 20kV and an emission current of around 80ߤA were chosen with 
the step size of 300nm. The minimum misorientation angle that defines a grain boundary was 
set to 2 ⁡?. Misorientation angles between 2 ⁡? and 15 ⁡? were regarded as low-angle grain 
boundaries, while those larger than 15⁡? were designated high-angle grain boundaries. 
 
2.3. Precipitate analysis 
Transmission electron microscopy (TEM) was carried out to identify the strain-induced 
precipitation. Carbon extraction replicas were prepared in the standard manner using a light 2% 
nital etch. Subsequent thin foils were electropolished using an electrolyte solution of 5% 
perchloric acid, 35% butoxyethanol and 60% methanol. Extraction replica samples and thin 
foil samples were examined in FEI Tecnai T20 and JEOL 2010F TEM. The particle diameter 
distribution of precipitates was measured for each sample, with around 200 particles counted 
in each case, with quantitative image analysis being performed using Image J software. 
Additionally, chemical analysis of the precipitates was conducted using an Oxford 
instruments energy dispersive X-ray spectroscopy (EDX) detector (Oxford Instruments, 
Oxford, UK) and electron energy loss spectroscopy (EELS) analysis, using a Gatan GIF. The 
measurement of the sample thickness was carried also carried out using EELS. This was 
estimated from the low energy region of the spectrum, given by Eq. (1) [19,20]:  ݐ ൌ ߣ݈݊ሺܫ௧ ܫ଴⁡? ሻ                                                                (1) 
where t represents the thickness of material; Ȝ is the mean free path of specimen; It is the total 
number of electrons in the EEL spectrum and I0 is the number of electrons in the zero loss 
peak. 
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3. Results 
3.1 Microstructures  
Optical micrographs, Fig. 2, revealed typical prior-austenite grain morphologies, all taken 
from the normal direction (ND). The average prior-austenite grain size was 31.3േ0.6 µm in 
the Nb steel and 29.1േ0.5 µm in the Nb-Ti steel after reheating at 1100°C for 30s before 
roughing deformation (see deformation schedule in Fig. 1). Following the roughing 
deformation at 850°C, the average prior-austenite grain size was subsequently refined to 
18.7േ1.6 µm for the Nb steel and 16.9േ0.7 µm for the Nb-Ti steel, Fig. 2 (a) and (b), 
respectively. After roughing deformation followed by reheating to 1200°C for 10 s the 
average grain size increased to 86.4േ5.5 µm for the Nb steel (Fig. 2 (c)), and 50േ3.5 µm for 
the Nb-Ti steel (Fig. 2 (d)). Fig. 2 (e) and (f), show typical prior-austenite grain morphologies 
after finish deformation at 850°C, schedule A, for the Nb and Nb-Ti steels. Ferrite was 
located mainly on the prior-austenite grain boundaries. 
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Fig. 2 Optical microstructures of prior-austenite grains in the Nb and Nb-Ti steels: (a), (c) and (d) for the Nb 
steel; (b), (d) and (e) for the Nb-Ti steel; (a) and (b) after roughing deformation at 850°C; (c) and (d) after 
roughing deformation at 850°C followed by heat treatment at 1200°C for 10s; (e) and (f) finish deformation 
with schedule A (Fig. 1) (the red circles in the Fig. 2 (a) and (b) show the elongated prior austenite grain 
boundaries and in the Fig. 2 (e) and (f) show the bowed grain boundaries). 
 
Fig. 3 gives the average prior-austenite grain size, measured as a function of isothermal 
holding time during finish deformation and steel composition. The average prior-austenite 
grain size in the Nb steel was larger than that in the Nb-Ti steel for the same holding time. 
For both Nb and Nb-Ti steels, the average grain size was refined with increasing strain, and 
the isothermal 10s holding after deformation at 850°C.  
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Fig. 3 Average prior-austenite grain size in the Nb and Nb-Ti steels with isothermal holding time. 
 
In order to investigate the effect of the prior-austenite grain size and morphology on 
transformation, samples were water quenched after the reheat at 1100oC for 30s prior to 
rough deformation (Fig. 4 (a) and (b)), after rough deformation (Fig. 4 (c) and (d)) and after a 
hold at1200oC for 10s after rough deformation and prior to finish deformation (Fig. 4 (e) and 
(f)). This shows that the recrystallisation texture after 10s at 1200°C was closely related to 
the deformation texture after rough deformation at 850°C for both steels, but different from 
the recrystallisation textures after 30s at 1100°C prior to rough deformation. 
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Fig. 4 ׎ଶ=45⁡? sections of ODFs from rough deformation and reheating Nb and Nb-Ti steels; (a) reheating at 
1100°C for 30s for Nb steel; (b) reheating at 1100°C for 30s for Nb-Ti steel (c) rough deformation at 850°C for 
Nb steel; (d) rough deformation at 850°C for Nb-Ti steel; (e) reheating at 1200°C for 10s for Nb steel; (f) 
reheating at 1200°C for 10s for Nb-Ti steel. 
Fig. 5 shows EBSD maps where the boundaries >15o disorientation have been labelled. The 
prior-austenite grain size was much larger at 1200oC for 10s after rough deformation and 
prior to finish deformation (Fig. 5 (b) and (d)), when compared with 1100oC for 30s prior to 
rough deformation (Fig. 5 (a) and (c)). In addition, while the Nb steel exhibited a broadly 
equiaxed structure after 30s at 1100oC, the Nb-Ti steel had a partly bainitic structure. 
Following the reheat at 1200oC for 10s, both steels exhibited boundaries that were 
extensively serrated (Fig. 5 (b) and (d)), marked by black arrows, with the Nb-Ti steel 
generally showing a finer structure than the Nb steel.  
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Fig. 5 EBSD analysis of the Nb and Nb-Ti steels specimen using the grain boundary map with HAGBs (ߠ ൒⁡?⁡?⁡?) as red line: (a) heat treatment at 1100°C for 30 s for Nb steel; (b) heat treatment at 1200°C for 10 s for Nb 
steel; (c) heat treatment at 1100°C for 30 s for Nb-Ti steel; (d) heat treatment at 1200°C for 10 s for Nb-Ti steel. 
3.2 Strain-induced Precipitation 
The average diameter of the strain-induced precipitates (SIP) was 12.0േ0.7 nm in the Nb 
steel and 14.0േ0.5 nm in the Nb-Ti steel, and the volume fraction of SIP with the size less 
than 20 nm was measured from carbon extraction replicas as (4.0േ0.3)h10-5 ȝm-3 and 
(5.4േ0.36)h10-5 ȝm-3 for the respective Nb and Nb-Ti steels after roughing deformation at 
850°C. After reheating to 1200°C for 10s, the Nb in solution was measured in the both Nb 
and Nb-Ti steels as 0.021േ0.001 wt% and 0.012േ0.0012 wt% respectively [21]. The results 
show that the Nb steel exhibited a higher supersaturation of Nb compared to that in the Nb-Ti 
steel.  
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Following cooling, and after finish deformation at 850°C, the volume fraction and the 
average diameter of SIP in the Nb and Nb-Ti steels was determined from TEM carbon 
replicas, Fig. 6. SIP as a function of the isothermal holding time in the Nb-Ti steel followed a 
similar trend to that in the Nb steel. It is clear from Figure 6 (e) that the volume fraction of 
SIP increased with increasing strain. It also increased with the 10s isothermal hold after 
deformation at 850°C when compared with water quenched samples at the same strain for 
both steels. The volume fraction of precipitates in the Nb steel was slightly less than in the 
Nb-Ti steel at the start, but after deforming to a strain to 0.6, the precipitate volume fraction 
was higher in the Nb steel compared to the Nb-Ti steel. With increasing strain or adding a 10s 
hold at the deformation temperature, the average diameter of the precipitates decreased 
gradually. This is a result of fresh precipitation occurring either as a result of deformation or 
the isothermal hold, which increased the volume fraction but reduced average precipitate 
diameter. The mean diameter of precipitates in the Nb steel was smaller than in the Nb-Ti 
steel (Fig. 6 (f)). Additionally, when comparing rough deformation and finish deformation for 
the same deformation parameters (i.e. one pass deformation with a strain of 0.3), the average 
precipitate size was refined and the volume fraction increased by finish deformation. This 
was due to the higher microalloy supersaturation after reheating to 1200°C, and higher 
undercooling between the heat treatment and finish deformation temperature. Again, this was 
the result of fresh precipitation reducing the average precipitate size. 
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Fig. 6 TEM observation of precipitation in the Nb steel from carbon replica specimens after finish deformation 
with the isothermal holding time of (a) H=0.3, 0s (schedule A), (b) H=0.3, 10s (schedule B), (c) H=0.6, 10s 
(schedule C), (d) H=0.3, 10s +10s hold (schedule D). (e) The volume fraction of precipitation as a function of 
different deformation parameters in the Nb and Nb-Ti steels. (f) The average precipitate size in the Nb and Nb-
Ti steels with different rolled parameters.  
 
Fig. 7 gives high resolution lattice images and EDX spectra from the precipitates, which was 
taken from typical specimens after processing with the schedule of C for both Nb and Nb-Ti 
steels. The crystal structure was identified using the inverse fast Fourier transformation 
(IFFT). Fig. 7 (a) shows an HRTEM image of a spherical shaped particle from the Nb steel. 
The corresponding inverse fast Fourier transform (Fig. 7 (b)) indicates a [110]MC zone axis 
with the measured d spacing about 0.25 nm, which is close to published values for the d(111) 
spacing of NbC of 0.258 nm. The chemical composition of the particle was measured by 
EDX with the Nb L line (Fig. 7 (c)). The structure and EDX results suggest that, as expected, 
the precipitates were NbC in the Nb steel. The HRTEM image of a cuboid precipitate is 
presented in Fig. 7 (d) from the Nb-Ti steel specimen with the same deformation schedule of 
Nb steel. The structure and the composition of the SIP was analysed by IFFT image (Fig. 7 
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(e)) and EDX spectrum (Fig. 7 (f)). The IFFT image suggests that this particle has a d spacing 
about 0.21 nm along the zone axis of [100]MC. The EDX spectrum shows the Ti M and Nb L 
lines. The d(002) spacing of (Nb,Ti)C is about 0.216 nm with the lattice parameter of 0.432 nm 
[22]. The particle in Fig. 7 (d) is identified as (Nb,Ti)C in the Nb-Ti steel. 
 
 
Fig. 7 The morphology and the composition of SIP with the schedule of C: (a) HRTEM image, (b) IFFT lattice 
image and (c) EDX spectrum of the nanometer scale carbide in the Nb steel; (d) HRTEM image, (e) IFFT lattice 
image and (f) EDX spectrum of the nanometer scale carbide in the Nb-Ti steel.  
 
3.3 Deformation induced transformation ferrite (DIFT)  
Fig. 8 shows typical deformation induced ferrite (black arrow) and martensite structures from 
the Nb and Nb-Ti steels after finish deformation with the schedule of A, where the DIFT was 
primarily located at the prior-austenite grain boundaries. The morphology of the DIFT and 
martensite after finish deformation with holding time of 10s (schedule B), 10s (schedule C) 
and 20s (schedule D) were similar with that at 0s. The volume fraction of DIFT as a function 
of deformation parameters was calculated from SEM images and is shown in Fig. 9. It can be 
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seen that the volume fraction of DIFT in the Nb-Ti steel was larger than that in the Nb steel 
for each process condition. The volume fraction of DIFT increased with increasing strain for 
both Nb and Nb-Ti steels. It also increased with the 10s isothermal hold after deformation for 
a given strain. After a one pass deformation and holding for 10s at 850°C, there was a much 
higher volume fraction of DIFT than after the finish deformation without subsequent hold 
(schedule A). The volume fraction of DIFT increased with increasing strain to 0.6, but with a 
decreasing rate as the strain increased (schedule C and D).  
 
 
Fig. 8 SEM observation of DIFT for both Nb and Nb-Ti steels after finish deformation with the schedule of A: 
(a) Nb steel; (b) Nb-Ti steel. 
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Fig.9 The variation of volume fraction of DIFT as a function of isothermal holding time in the Nb and Nb-Ti 
steels. 
3.4 Nano-scale cementite in DIFT 
Nanoscale cementite was observed in the DIFT. Typical morphologies of cementite after 
finish deformation using the D schedule are shown in Fig. 10. Bright field images, Fig. 10 (a) 
and (b), show nanoscale cementite particles in the ferrite matrix (red arrow) for both Nb and 
Nb-Ti steels with few of them located on sub-grain boundaries. The diffraction pattern in Fig. 
10 (c), which corresponds to the image of Fig. 10 (b), shows the orientation relationship of 
the body-centred cubic ferrite matrix and the orthorhombic cementite. Fig. 10 (d) shows a 
lattice image of a nanometer-sized cementite particle taken from the same sample shown in 
Fig. 10 (a). The inverse fast Fourier transformation (IFFT) (Fig. 10 (e)) with corresponding 
diffractogram (Fig.10 (f)) was used to analyse the lattice spacing and orientation shown in 
Fig. 10 (d). This shows that the TEM observation was along the [2⁡?ത5]Fe3C zone axis with the 
intersection of (⁡?⁡?തതതത0) and (132) as 120⁡?. The ferrite d spacing was identified as ݀ሺ଴ଵଵഥሻ, ~ 
0.202nm. In Fig. 10 (f), the diffraction spot marked by the red arrow was a result of Moiré 
fringing with the spacing of parallel Moiré fringes about 0.53 nm. The Moiré fringes were 
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produced due to the two interaction vectors from the cementite (݀ሺଵଷଶሻ) and ferrite (݀ሺ଴ଵଵഥሻ) 
with the intersection angle ߚ of 8.5⁡?. Then the spacing of Moiré fringes can be calculated 
using the Eq. (2) [23]: 
ܮ ൌ ݀௙௘௥௥௜௧௘ ൈ ݀ி௘య஼ ሺ൫݀௙௘௥௥௜௧௘ െ ݀ி௘య஼൯ଶ ൅ ݀௙௘௥௥௜௧௘ ൈ ݀ி௘య஼ ൈ ߚଶሻଵ ଶൗ൘                (2) 
where L is the spacing of Moiré fringe with the distance of 0.53 nm, and݀௙௘௥௥௜௧௘ሺ଴ଵଵഥሻ is the 
spacing of (01⁡?ത) about 0.202 nm. Thus, the d spacing of cementite was calculated using Eq. 
(2) to be 0.159 nm, which is close to the ݀ሺଵଷଶሻ spacing of Fe3C as 0.153 nm. This therefore 
confirms that the particle was Fe3C imaged along the zone axis of [2⁡?ത5]. 
 
Fig. 10 The nanometer-sized Fe3C with the deformation schedule of D: (a) Bright-field TEM micrograph of 
nanoscale cementite in the Nb steel and (b) Bright-field TEM micrograph of nanoscale cementite in the Nb-Ti 
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steel; (c) corresponding electron diffraction patter from (a); (d) HRTEM image of one nanoscale cementite; (e) 
IFFT lattice image from (d); (f) the corresponding fast Fourier transformed diffractogram. 
 
3.5 The application of DIFT to reduce the final grain size  
The difference between the new thermomechanical process and the conventional methods for 
producing DIFT [14,24,25] was the introduction of an additional heat treatment process 
between roughing and finish deformation. To further test the effectiveness of this new TMCP 
on DIFT, and therefore on the refinement of the final grain size, an additional test program 
schedule was undertaken, as shown in Fig. 11. The Nb-Ti steel specimen was firstly rough 
rolled at 850°C, and then the temperature was rapidly increased to 1200°C and held for 10s. 
Following this, the temperature was reduced to 850°C and deformed with three passes, and 
then, finally, rapidly air cooled to 500°C with the cooling rate of 20°C/s, then at 2°C/s to 
room temperature. The cooling schedule was used to simulate the coiling process. The final 
average ferrite grain size from the Nb-Ti steel using this new TMCP route was measured at 
1.40േ0.05Pm by EBSD shown in Fig. 12 (a). Fig. 12 (b) shows a typical misorientation 
profile across a few ferrite grains along the line shown in Fig. 12 (c). As expected, a high 
misorientation angle was observed across adjacent grain boundaries. Therefore, this new 
TMCP route produced an ultra-fine ferrite grain size with high angle grain boundaries 
attributed to DIFT of austenite to ferrite with low deformation strains.  
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Fig. 11 Laboratory deformation schedule for the production of ultrafine grains on the Nb-Ti steel. 
 
 
Fig. 12 (a) Ultra-fine grain boundary with IPF maps obtained by EBSD from Nb-Ti steel after deformation by 
the process shown in Fig. 11; (b) Point-to-origin misorientation profiles from (a); (c) grain boundaries with 
higher magnification from (a) (labelled). 
 
4. Discussion 
4.1 The effect of deformation and precipitation on the prior-austenite grain size after 
TMCP 
Fig. 2 shows the elongated prior-austenite grain structures after finish deformation below the 
recrystallisation-stop temperature (T5%). The prior-austenite grain size in the ND was 
measured as a function of the different isothermal holding time, Fig. 3. As expected, the grain 
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size was refined with an increase in strain which will have led to an increase in the volume 
fraction of SIP, and hence a greater Zener pinning force. There are several models that 
predict this behaviour. First, the theory of grain refinement as a function of strain was 
proposed by Sellars [26], where the kinetic behaviour of the prior-austenite grain size as a 
function of deformation can be calculated by: 
d(t)=0.9ൈd00.67ൈ ߝ-0.67                                                                                   (3) 
where d0 is the reheated grain size and ߝ  is the true strain of the finish deformation 
deformation. The predicted grain diameter in the Nb steel is 39.5 µm (schedule A) and 24.9 
µm (schedule C), shown in Fig. 13 (a). In the Nb-Ti steel, the predictions are 27.7 µm for 
(schedule A) and 17.4 µm for (schedule C) (Fig. 13 (b)). The predicted data using Eq. (3) for 
both Nb and Nb-Ti steels fit well with the experimental data of the prior-austenite grain size.  
 
Fig. 13 simulated average grain size with isothermal holding time, compared with experimental data by Eqs. (3) 
and (4): (a) in the Nb steel; (b) in the Nb-Ti steel. 
 
The change in the prior-austenite grain size during deformation is also related to the extent of 
SIP. In the classic work of Zener (as reported by Smith [27]), it was shown that the grain 
growth can be retarded when the free energy of a migrating boundary is equal to that of the 
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restriction of the boundary by precipitates. As such, it is predicted that the mean grain 
diameter, ܦഥ , is correlated to the volume fraction of SIP. However, this theory still has 
weaknesses; for example, it does not consider the relative positions of the particles with 
respect to the boundary and neglects abnormal grain growth. Therefore, Hellman and Hillert 
[28] modified the original model of Zener for the pinning effect of second-phase particles on 
grain boundaries:  
஽೘ೌೣ஽೛ ൌ ⁡?ሺ஽೘ೌೣ஽ഥ െ ⁡?ሻ ⁡?௩݂ൗ                                                  (4) 
where ܦ௠௔௫  is the largest limiting grain diameter; ܦ௣  is the mean second phase particle 
diameter; the ܦഥ is the mean grain diameter; ௩݂ is the volume fraction of particles. Hellman 
and Hillert also indicated that the ratio of  ஽೘ೌೣ஽ഥ  should be in the range of 1-2 to account for 
the limiting grain growth. Considering the experimental data of the maximum and mean grain 
size after the deformation schedule A, the ratio of ஽೘ೌೣ஽ഥ  was assumed to be 1.3 for the Nb 
steel and 1.2 for the Nb-Ti steel. Then, using the data of volume fraction ( ௩݂) and the average 
diameter (ܦ௣ሻ of precipitates shown in Fig. 6, the simulated mean grain size was calculated 
by Eq. (4) and is presented in Fig. 13 (a) for the Nb steel and Fig. 13 (b) for the Nb-Ti steel. 
The predicated grain size for the Nb steel using the Hellman and Hillert's theory fits well with 
the experimental data after finish deformation with different isothermal holding time. 
However, for the Nb-Ti steel the data predicted by Hellman and Hillert¶VWKHRU\DUHVOLJKWO\
larger than the experimental data. This is because of the significantly higher DIFT in the Nb-
Ti steel than in the Nb steel (Fig. 9), which will have significantly reduced the average grain 
size, which of course is not taken into account in Hellman and Hillert's theory.  
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4.2 The influencing factors on the volume fraction of SIP  
The rapid reheating to 1200°C for 10s after rough deformation at 850°C would have 
gradually dissolved the SIP that formed during rough deformation and the Nb dissolution rate 
was faster in the Nb steel than in the Nb-Ti steel [21]. The volume fraction and average 
diameter of SIP after finish deformation was analysed by TEM and is shown in Figs. 6 and 7. 
The average diameter of the SIP was much smaller and the volume fraction of the SIP higher 
after finish deformation (schedule A) than that after rough deformation for the same 
deformation parameters for both Nb and Nb-Ti steels. As expected, the increased 
supersaturation led to a higher driving force for precipitation in both Nb and Nb-Ti steels 
[29,30]. Furthermore, the volume fraction of SIP and its average diameter was also directly 
influenced by the amount of deformation. By increasing the strain to 0.6 during finish 
deformation, the volume fraction of SIP increased and its average size reduced due to the 
deformation stored energy which increased the driving force for precipitation [31,32]. 
For the samples that were subject to a 10 s hold at 850°C after either the first or second pass 
of finishing deformation, the volume fraction of SIP (Fig. 6) was also higher than in those 
samples that were immediately water quenched. This is in agreement with many publications 
for precipitation kinetics [6,33,34], which shows that the 10s hold at 850°C can provide 
sufficient incubated time for precipitation. As expected, for a strain of 0.6 during finish 
deformation, the effect of the 10s hold at 850°C on the volume fraction of SIP was higher 
than that at the lower strain of 0.3, especially for the Nb steel. In addition, the average 
diameter of the SIP was also refined. Therefore, the 10s hold time combined with the 
deformation during finish deformation were the main factors leading to the refined size and 
increased volume fraction of precipitation.  
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During rough deformation, the volume fraction of SIP for the Nb steel ((4.0േ0.3)h10-5 ȝm-3) 
was lower than that for Nb-Ti steel ((5.4േ0.36)h10-5 ȝm-3), because of the lower total 
microalloy content in the Nb steel. After reheating to 1200°C for 10s, the Nb in solution in 
the Nb steel was higher than that in the Nb-Ti steel. The difference in volume fraction of SIP 
between the Nb and Nb-Ti steels after finish deformation to a strain of 0.3 followed by 
immediate water quenching was smaller than that during roughing deformation. Furthermore, 
the volume fraction of SIP for Nb steel was higher than that in the Nb-Ti steel during finish 
deformation for an increased strain of 0.6 in finish deformation (Fig. 6 (e)). The result 
indicates that, with adequate deformation strain, the effect of supersaturation on the 
precipitation behaviour was significant, as expected.  
 
4.3 Mechanisms leading to DIFT  
DIFT was only observed under specific processing conditions. It was not observed in either 
steel after conventional thermomechanical processing (i.e. roughing deformation followed by 
finish deformation). However, the introduction of a 1200°C hold after roughing deformation 
resulted in the formation of DIFT for otherwise identical TMP conditions as the conventional 
thermomechanical process conditions. The extent of DIFT formed on the larger prior 
austenite grains was greater in the Nb-Ti steel than in the Nb steel.  The extent of DIFT also 
increased with the introduction of an additional 10s hold during finish deformation. These 
observations are not easy to explain, but the following sections consider each of the potential 
factors.  
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4.3.1 Effect of process conditions on the ɀȀȽ transformation temperature 
The upper equilibrium temperature between ferrite and austenite, Ae3, and the ferrite start 
temperature, Ar3, can be calculated using different models considering the weight percentage 
of alloying elements. In this study, the equilibrium phase transformation temperature of Ae3 
was calculated by Eq. (5) for low carbon steels [35]. The Blas et al. [36] model was 
considered for the simulation of the ɀ ՜ Ƚ start transformation temperature (Ar3), which was 
derived for a low carbon content between 0.024-0.068 %wt and is expressed as Eq. (6): 
ܣ௘ଷ ൌ ⁡?⁡?⁡?െ ⁡?⁡?⁡?Ǥ⁡?⁡?⁡?ܥ െ ⁡?⁡?Ǥ⁡?⁡?ܰ ݅ ൅ ⁡?⁡?Ǥ⁡?⁡?ܵ ݅                          (5) ܣ௥ଷ ൌ ⁡?⁡?⁡?െ ⁡?⁡?⁡?ሺ⁡?ܥ ሻ െ ⁡?⁡?⁡?ሺ⁡?ܯ݊ሻ ൅ ⁡?⁡?⁡?ሺ⁡?ܾܰሻ െ ⁡?Ǥ⁡?⁡?⁡?ߥ             (6) 
where ߥ is cooling rate with °C/s. In the present study, the carbon content was 0.065 %wt for 
the Nb steel and 0.067 %wt for the Nb-Ti steel (Table 1 lists the compositions used), which 
satisfied the range of applicability for Eqs. (5) and (6). The Ae3 for both Nb and Nb-Ti steels 
was 870°C derived from Eq. (5). The Ar3 temperature was calculated from Eq. (6) as 796°C 
for both steels, which is lower than the deformation temperature of 850°C.  
It is well known that the equilibrium phase transformation free energy (⁡?ܩ௩) related with the 
chemical driving force, the volume strain energy and interface energy can be increased by the 
deformation [37], which expressed by: 
⁡?ܩ௩=V(⁡?ܩ௖௛௘௠൅⁡?ܩ஽െ⁡?ܩ௦)-Aߪఈఊ                                         (7) 
where ⁡?ܩ௖௛௘௠ is the chemical driving force; ⁡?ܩ஽ is the deformation stored energy; ⁡?ܩௌ is the 
volume strain energy; and ߪఈఊ is the interface energy. From Eq. (7), this accumulated energy 
from deformation can raise the equilibrium ɀ ՜ Ƚ transformation temperature, which is the 
upper limit transformation temperature for DIFT, Aed3 shown in Fig. 14. Therefore, the higher 
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transformation temperature of Aed3 increases the undercooling (⁡? )ܶ, which accelerates the 
phase transformation rate. 
 
Fig. 14 Schematic of the undercooling that influenced by the deformation with the increasing of equilibrium 
phase transformation temperature. 
 
The microstructures after roughing deformation at 850°C followed by water quenching are 
shown in Fig. 2 (a) and (b), in which no ferrite was observed at the prior-austenite grain 
boundaries. This shows that the roughing deformation occurred in the single austenite phase 
region. Thus, the increased undercooling arising from the deformation did not provide 
sufficient driving force for the phase transformation during deformation. In contrast, after 
finish deformation with the same parameters used in the roughing deformation, but with a 
1200°C hold in between, a small amount of ferrite was formed on and within the prior-
austenite grain boundaries (Figs. 2 (e), (f) and Fig. 8). Given that the steels experienced the 
same roughing deformation and finish deformation parameters, the only difference between 
them was the heat treatment at 1200°C and therefore this was responsible for the observation 
of DIFT after finish deformation.  
Eqs. (5) and (6) do not predict the difference in DIFT being observed by the introduction of 
the 1200°C heat treatment, and do not predict that DIFT is more extensive in the Nb-Ti steel 
than in the Nb steel. Eqs. (5) and (6) do not take account of the difference between the Nb 
and Ti being tied up with carbon in precipitates or being in solution in the austenite. Clearly, 
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without the 1200°C hold, the majority of the Nb and Ti will have been present in the form of 
precipitates, while following the hold at 1200°C, the Nb and Ti were predominantly in 
solution in the austenite. This suggests that by taking the Nb and Ti into solution, the Aed3 
temperature was increased and the extent of the increase in Aed3 was greater for the Nb-Ti 
steel compared to the Nb steel. The clear difference in transformation behaviour between the 
two steels can be seen in Fig. 5, where the Nb steel produced an equiaxed ferritic structure 
upon quenching, whereas the Nb-Ti steel exhibited a bainitic structure.  
 
4.3.2 Size and morphology of prior austenite grain size 
As shown in Fig. 2, the DIFT formed on the larger prior austenite grain boundaries after 
finish deformation (Fig. 2 (e) and (f)), but was not observed on the prior-austenite grain 
boundaries after the initial roughing deformation (Fig. 2 (a) and (b)). Normally, long-range 
diffusion theory is used to explain DIFT. Austenite grain coarsening would suppress the 
ferrite transformation and limit the number of nucleation sites. This is because the ferrite 
mainly nucleates at deformed prior-austenite grain boundaries at lower strains [37], such that 
more DIFT would be expected to form for smaller grain sizes because of the higher grain 
boundary area [37]. However, the results in this study demonstrated that the larger prior-
austenite grain size led to greater DIFT, suggesting that long range diffusion was not a factor 
during this phase transformation [38], [39]. Beynon et al. [40] and Hurley et al. [41] also 
reported that a coarse austenite grain size appeared to be more favourable for DIFT under the 
condition of single pass deformation, because the formation of pro-eutectoid ferrite was 
prevented resulting in a large undercooling. However, they did not give further explanation 
for their observations.  
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In this study, the observation that a coarser prior-austenite grain size led to more DIFT 
suggests that the mechanism of DIFT is controlled by short-range diffusion across ȽȀɀ 
interfaces, consistent with a massive transformation to form the deformation induced ferrite. 
In addition, nanoscale cementite was observed in the deformation induced ferrite, Fig. 10. 
This was believed to arise because the fast strain rate and associated rapid formation of DIFT 
limited the carbon diffusion to austenite matrix during phase transformation, resulting in 
supersaturated ferrite. According to the Kaufman-Radcliffe-Cohen (KRC) thermodynamic 
model [42], the supersaturated DIFT will have formed ferrite and spherical cementite (Fe3C) 
during subsequent cooling, as shown in Fig. 15. Therefore, the formation of nanoscale Fe3C 
within the DIFT also suggests a massive transformation for the DIFT.  
 
Fig. 15 Schematic illustration of the transformation from austenite: ĉ Static transformation; Ċ Dynamic 
transformation. 
 
Fig. 4 gave ODFs taken from EBSD maps from the roughing rolled and reheated Nb and Nb-
Ti steels and showed that the recrystallisation texture (after 10s at 1200°C) was closely 
related to the deformation texture after roughing deformation at 850°C for both steels, but 
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different from the recrystallization textures after heat treatment at 1100°C for 30s [43]. This 
suggests that the strain-induced boundary migration (SIBM) mechanism was dominant during 
recrystallisation, as reported by several researchers [43±45]. The SIBM would have probably 
left irregular grain boundaries, with serrations that could act as preferential sites for DIFT. 
This is also consistent with the serrations observed in the EBSD maps in Fig. 5 showing the 
grain boundary structure after the 1200°C reheat followed by an immediate quench. Sun et al. 
[46] reported that DIFT preferentially forms on the serrations and bulging prior-austenite 
grain boundaries due to the local higher energy. Therefore, the coarser prior-austenite grain 
structure, with boundaries that exhibited serrations and bulging, would have promoted more 
DIFT than a finer, equiaxed, grain size, which further supports the view that DIFT is 
controlled by short-range diffusion across ȽȀɀ interfaces.  
 
5. Conclusions 
A new thermomechanical controlled process route has been developed to obtain deformation 
induced ferrite transformation, which has been shown to be a very effective method to refine 
the final grain size combined with reducing the deformation force and improvement the 
productivity. The study of prior-austenite grain size, the precipitation behaviour, and their 
effects on the formation of DIFT have been investigated, with the following conclusions:  
1) As expected, the prior-austenite grain size decreased in the normal direction with 
increased strain for Nb and Nb-Ti steels. When compared with the water quenched specimens, 
the grain size also decreased after isothermal holding for 10 s at the deformation temperature 
under the same deformation strain, due to the increasing volume fraction of DIFT.  
2) Spherically shaped strain-induced precipitates (SIP) in the Nb steel were identified as 
NbC, while the cuboid shaped precipitates in the Nb-Ti steel were (Nb,Ti)C. The volume 
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fraction of SIP increased with the increasing strain. The isothermal hold of 10s after 
deformation at 850°C produced more precipitation due to the incubation time available for 
precipitation. In addition, the reheat to 1200°C increased the supersaturation of microalloy 
elements in the matrix leading to a higher volume fraction and smaller diameter of SIP after 
finish deformation compared to roughing deformation with the same deformation parameters. 
3) 6HOODUV¶ WKHRU\, which considers the grain refinement as a function of strain, fitted 
well with the experimental data. Hellman DQG +LOOHUW¶V modified Zener pinning model 
provided a good prediction of the grain size with the experimental data for volume fraction 
and diameter of SIP for the Nb steel. However, the match was less good for the Nb-Ti steel 
because of the error introduced by the formation of DIFT at the deformation temperature in 
this steel. 
4) DIFT occurred on and within the elongated coarser prior-austenite grains during 
finish deformation as a result of the introduction of the reheat at 1200°C. The observation of 
the serrations and bulging prior-austenite grain boundaries, and nanoscale cementite formed 
in ferrite matrix after finish deformation supported the view that DIFT occurred through a 
massive transformation. 
5) The volume fraction of DIFT increased with the increasing applied strain and 
isothermal hold after deformation. This new TMCP followed by control cooling produced a 
refined final grain size of 1.4േ0.05 µm. 
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